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A B S T R A C T   

Tensile behavior of Alloy 718, fabricated through laser powder directed energy deposition, was examined over a 
wide temperature range (− 195, 25, 200, 425, 650, 870, and 980 ◦C). The tensile properties, deformation 
mechanisms, and their temperature dependence were specifically investigated. The microstructure and me-
chanical properties were characterized in fully heat treated condition; i.e., first stress relieved, then homoge-
nized, then solution annealed, and finally 2-step-aged. Tensile results showed thermally stable behavior from 
room temperature up to 650 ◦C, similar to other additively manufactured and wrought counterparts. Rapid 
reductions of strength with increasing test temperature were observed at − 195 to 25 ◦C and 650–870 ◦C ranges, 
which were respectively ascribed to a significant reduction in deformation twinning density and the coarsening 
of γ′′-precipitates as confirmed by electron microscopy. The fully heat treated microstructure also contained 
populous Mo/Nb-rich carbides within grain interior which were observed to be the dominant mechanism of 
fracture and responsible for the temperature insensitive ductility up to 650 ◦C. At 870 and 980 ◦C, sliding be-
tween dynamically recrystallized grains became significant resulting in an increased ductility.   

1. Introduction 

Alloy 718 [1] is a γ′-γ′′-precipitation hardened Ni-base superalloy 
and is known for excellent strength, creep, and fatigue resistance [2–4]. 
It is therefore particularly attractive for use in extreme service appli-
cations such as cryo-tanks, housings, manifolds, nuclear reactors, and 
gas turbines – many of them also require components to be in complex 
shapes [5]. However, Alloy 718 has poor machinability because of its 
high strength and hardness [6]. As a result, conventional manufacturing 
of Alloy 718 parts with machining has been challenging and costly. 
Recently, additive manufacturing (AM) has received increasing atten-
tion from various industries because of its capability to fabricate com-
plex geometries on demand economically, thereby significantly 
improving design freedom, reducing the need for machining and as-
sembly operations, and reducing material waste [7,8]. Such advantages 
over conventional manufacturing combined with Alloy 718’s decent 
fabrication characteristics such as weldability due to its low Ti and Al 
content have made Alloy 718 a popular material for various AM pro-
cesses [9,10]. 

Due to the typical thermal characteristics of AM processes such as 

high cooling rates [11], the non-heat treated (NHT) microstructure of 
Alloy 718 is often dendritic and lacks strengthening precipitates, leading 
to compromised strength compared to the fully heat treated (HT) con-
dition [12–16]. In addition, the thermal history associated with different 
AM technologies, including electron beam powder bed fusion (E-PBF) 
[13], laser beam powder bed fusion (L-PBF) [15], laser powder directed 
energy deposition (LP-DED) [17], and laser wire directed energy depo-
sition (LW-DED) [14], can be significantly different due to inherently 
different process characteristics, such as power of energy sources, travel 
speed of the molten pool, inter-layer time, and substrate temperature 
[18], to name a few. 

The unique thermal history of each process greatly affects the 
microstructure and mechanical properties of Alloy 718 in the NHT 
condition. For example, Deng et al. [10] reported that the NHT Alloy 
718 fabricated via E-PBF possessed higher hardness and strength, but 
similar ductility compared to NHT L-PBF. This was attributed to the 
presence of strengthening precipitates in E-PBF produced specimens. 
Specimens fabricated using the same technology, but varied process 
parameters, could also result in significantly different microstructures 
(including grain size and degree of micro-segregation) and mechanical 
properties. For instance, Zhu et al. [17] revealed that decreasing the 

* Corresponding author. National Center for Additive Manufacturing Excellence (NCAME), Auburn University, Auburn, AL, 36849, USA. 
E-mail address: shamsaei@auburn.edu (N. Shamsaei).  

Contents lists available at ScienceDirect 

Materials Science & Engineering A 

journal homepage: www.elsevier.com/locate/msea 

https://doi.org/10.1016/j.msea.2022.143528 
Received 7 April 2022; Received in revised form 24 June 2022; Accepted 27 June 2022   

mailto:shamsaei@auburn.edu
www.sciencedirect.com/science/journal/09215093
https://www.elsevier.com/locate/msea
https://doi.org/10.1016/j.msea.2022.143528
https://doi.org/10.1016/j.msea.2022.143528
https://doi.org/10.1016/j.msea.2022.143528
http://crossmark.crossref.org/dialog/?doi=10.1016/j.msea.2022.143528&domain=pdf


Materials Science & Engineering A 849 (2022) 143528

2

laser power (higher cooling rate) of LP-DED Alloy 718 resulted in finer 
dendrites and the formation of discrete Laves, while increasing the laser 
power (lower cooling rate) returned coarser dendrites. Tensile results 
showed similar ductility, but yield strength (YS) and ultimate tensile 
strength (UTS) of specimens with finer dendrites were 17% and 9% 
higher, respectively, than those of the coarser dendritic ones. 

The microstructural differences in Alloy 718 resulting from varia-
tions in the processing conditions may even persist after standardized 
heat treatment (HT) schedules are applied, which could result in 
different mechanical responses. For example, Schneider [19] exhibited 
that Alloy 718 fabricated using LW-DED, LP-DED, and L-PBF, with HT 
procedures according to AMS 5664 and AMS 5663 [20,21], resulted in 
large differences in grain size, degree of homogenization, and tensile 
properties. Microstructural characterizations and mechanical testing 
results revealed that the L-PBF grain structure was more refined and 
homogenized and had two times the ductility of LW-DED and LP-DED 
processes. Similarly, studies by Blackwell et al. [22] on LP-DED, 
Trosch et al. [15] on L-PBF, and Deng et al. [23] on E-PBF Alloy 718 
showed that the standard AMS 5662 HT cycle on the Alloy 718 speci-
mens fabricated by these technologies would result in different tensile 
properties. Results indicated that YS of LP-DED Alloy 718 specimens was 
7% and 15% higher compared to L-PBF and E-PBF specimens, while 
their ductility was 35% lower than L-PBF and 43% lower than E-PBF 
specimens. Such differences in tensile properties are also expected at 
elevated temperatures. For example, YS and ductility of L-PBF Alloy 718 
[15] specimens tested at 650 ◦C were, respectively, 5% and 67% higher 
than those of the E-PBF specimens [13]. 

Despite Alloy 718 being extensively studied, knowledge on its 
behavior from cryogenic to elevated temperature is quite scattered even 
for its wrought form [24], a comprehensive study in this regard there-
fore is lacking. For the AM forms of this alloy, most studies in the 
literature report its tensile properties at room temperature [25]. The 
knowledge on the temperature dependence of these properties remains 
scarce, although limited data exist for the L-PBF form [15]. Notably, the 
cryogenic mechanical properties of AM Alloy 718 are specifically lack-
ing from the literature. 

Therefore, there is a need for a careful evaluation of the micro-
structure and mechanical properties of Alloy 718 fabricated via different 
routes. Such considerations should be made over the wide application 
temperature range of this alloy such as the ones experienced by aero-
space components [5]. The objective of this work was to study the 
uniaxial tensile behavior of fully HT LP-DED Alloy 718 at different 

temperatures of − 195, 25, 200, 425, 650, 870, and 980 ◦C. Its micro-
structural evolution during multiple stages of HT based on AMS 5664 
[21] was first examined and analyzed. Thorough microstructural and 
fractographic analyses were also performed to correlate mechanical 
properties with the deformation and fracture mechanisms. This article is 
arranged as the following: in Section 2, the experimental procedure is 
described. In Section 3, experimental results, including initial micro-
structures (Section 3.1), tensile properties (Section 3.2), and deformed 
microstructures (Section 3.3) are presented. The findings of this study 
are discussed in detail in Section 4, emphasizing on the effect of test 
temperature on YS (Section 4.1), and fracture mechanism (Section 4.2). 
Finally, conclusions are drawn in Section 5. 

2. Materials and methods 

Pre-alloyed Alloy 718 powder (diameter range: 45–150 μm) supplied 
by AP&C [26] consisted of predominantly spherical particles and was 
produced using plasma rotating electrode process. The chemical 
composition of the Alloy 718 powder, listed in Table 1, was in accor-
dance with specifications set by ASTM B637 [27] and AMS 5596 [28]. 
The original cylindrical bars, later to be machined into test specimens, 

Abbreviations and nomenclature 

AGE Double aging 
Alloy 718 Nickel base (Inconel 718) superalloy 
AM Additive manufacturing/additively manufactured 
BSE Backscattered electron 
DRX Dynamic recrystallization 
E-PBF Electron beam powder bed fusion 
EBSD Electron backscatter diffraction 
EDS Energy dispersive x-ray spectroscopy 
EL Elongation to failure 
GB Grain boundary/boundaries 
HOM Homogenization 
HT Heat treatment/heat treatments/heat treated 
IPF Inverse pole figure 
K Strength coefficient 
KAM Kernel average misorientation 
L-PBF Laser beam powder bed fusion 
Longitudinal plane Plane parallel to build direction 
LP-DED Laser powder directed energy deposition 

LW-DED Laser wire directed energy deposition 
M23C6 Cr-rich metal carbide 
M6C Mo-rich metal carbide 
MC Metal carbide 
NHT Non-heat treated 
n Strain hardening exponent 
Radial plane Plane perpendicular to build direction 
SA Solution annealing 
SEM Scanning electron microscope/scanning electron 

microscopy 
SR Stress relief 
STEM/FIB Scanning transmission electron microscope/Focused ion 

beam 
UTS Ultimate tensile strength 
YS Yield strength 
γ -grain Ni-matrix 
γ′′- phase Gamma double prime (Tetragonal Ni3Nb with DO24 

structure) 
εp True plastic strain 
σtrue True stress  

Table 1 
Chemical composition of Alloy 718 powder (according to AP&C certificate) used 
for this study.  

LP-DED Alloy 718 

Element Composition (wt.%) 

Ni Bal. 
Cr 19 
Fe 16 
Nb 5.3 
Mo 3 
Co 1 
Ti 0.9 
Al 0.6 
Si 0.4 
Mn 0.35 
Cu 0.3 
C 0.08 
S 0.02 
P 0.015 
B 0.006 
O 0.008  
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were deposited vertically by the RPM Innovations, Inc. using a 222 
LP-DED machine. The process parameters used for deposition were as 
the following: laser power of 1070 W, powder feed rate of 0.26 g/s, 
scanning speed of 16.9 mm/s, and layer thickness of 0.381 mm. 

2.1. Heat treatment procedure 

The cylindrical bars were removed from the build plate using a band 
saw and then HT in a vacuum furnace. Temperature histories were 
recorded using various thermocouples embedded with the specimens. 
HT cycle included stress relief (SR), homogenization (HOM), solution 
annealing (SA), and double aging (AGE) (see Table 2). The microstruc-
tural evolution during multiple HT stages was tracked using small wit-
ness coupons, which were excised from cylindrical bars. The HT cycle is 
based on ASTM and AMS specifications which have the heritage to 
wrought Alloy 718 [29,30]. 

2.2. Test specimens and mechanical testing 

Cylindrical bars were machined to the final dimensions according to 
ASTM E8 [32] standard (see Fig. 1). The uniaxial tensile tests were 
performed at seven different temperatures ranging from cryogenic (at 
− 195 ◦C), room (at 25 ◦C), and elevated temperatures (at 200, 425, 650, 
870, to 980 ◦C). The mechanical testing at room temperatures was 
performed based on the ASTM E8 [32] standard. The cryogenic and 
elevated temperature tensile tests were conducted according to the 
ASTM E21 standard [33]. Prior to the actual mechanical testing at the 
cryogenic temperature, the test specimens were pre-soaked in liquid N2 
for 5 min, to achieve steady-state thermal condition. For elevated tem-
perature tests, the test specimens were pre-heated at the corresponding 
elevated temperatures for 30 min. The tensile tests were conducted at 
the nominal strain rate of ~0.005 mm/mm/min under 
displacement-controlled loading condition until failure. An extensom-
eter was attached to the specimens only for the initial 0.050 mm/mm 
strain for accurate calculation of the YS and the modulus of elasticity. 
Afterwards, it was removed due to the device’s limited travel. Note that 
each tensile property reported in this study is the mean value obtained 

using at least six repetitive tests. 

2.3. Metallography and microscopy 

The microstructures on the radial plane, i.e., perpendicular to the 
build direction, of the small witness coupons (10 mm diameter by 5 mm 
height) extracted at different HT stages was examined using a Zeiss 
Crossbeam 550 scanning electron microscope (SEM). Postmortem mi-
crostructures on the longitudinal plane, i.e., parallel to the build direc-
tion, were also examined from small coupons excised from the test 
specimens using an abrasive cutter. Metallography procedures were 
carried out according to the ASTM-E3 standard [34]. The coupons were 
mounted using epoxy molding then ground using various silicon carbide 
papers ranging from 220, 320, 400, 600, and 1000 grits applied with 
light contact pressure and followed by a final polishing procedure using 
0.05 μm colloidal silica with water. 

The Zeiss SEM was equipped with a focused ion beam (FIB) column, a 
scanning transmission electron microscopy (STEM) detector, and Oxford 
onboard instruments such as the energy dispersive x-ray spectroscopy 
(EDS) and electron backscatter diffraction (EBSD) detectors. Grain size 
measurements were obtained from EBSD analysis (excluding the 
annealing twins) using the Aztec Crystal software from Oxford In-
struments. The criterion used to detect grain boundaries (GBs) from the 
inverse pole figure (IPF) maps was when the misorientation angle be-
tween two adjacent pixels was >10◦. Backscattered electron (BSE) mi-
crographs were obtained by the electron channeling contrast imaging 
technique [35] using the four-quadrant backscattered electron detector. 
STEM lamella was prepared by a Ga+ FIB milling procedure at 30 kV 
with excessively reducing current from 7 nA to 100 pA followed by 
lift-out. FIB polishing on the lamella was performed at 30 kV with a 
reducing current from 100 pA to 10 pA, resulting in a final thickness of 
<70 nm. 

The fracture surfaces were further sonicated in isopropanol solution 
for better removal of contaminants. The SEM micrographs of fracture 
surfaces were obtained using 15 kV voltage, 1 nA current, and 9 mm 
working distance. The EBSD and EDS analyses were performed with 70◦

and 54◦ pre-tilt holders, respectively, at 8–10 mm working distance, 20 
kV voltage, and 3 nA current. The EBSD and EDS maps were obtained 
using a step size of ~3 μm and an exposure time of 3 ms, respectively. 
STEM micrographs were taken within the Zeiss Crossbeam with the 
STEM detector under the imaging conditions of 30 kV voltage and 110 
pA current. 

3. Results 

3.1. Initial microstructure 

The NHT microstructure, as shown by the IPF maps in Fig. 2(a) on 
the radial plane, was a mixture of fine and coarse grains. Moreover, the 
orientation of a high fraction of grains of red color suggested a strong 
texture along <001>. Such structures are typical of NHT LP-DED Alloy 
718 with grain growth in the build direction [36,37]. Coarsening of a 
limited degree was caused by the SR treatment, although the <001>

Table 2 
HT cycle applied to the specimens with the designation of each step [29,30].  

Procedure Temperature Time Quench Reference 

(Designation) (◦C) (hr) 

Stress Relief (SR) 1065 1.5 2 bar Argon gas 
at 20 ◦C/min 

ASTM F3055 
[30] 

Homogenization 
(HOM) 

1162 3.5 [31] 

Solution Annealing 
(SA) 

1065 1 AMS 5664 
[21] 

Double Aging (AGE) 760 10 Furnace cool at 
10 ◦C/min 

AMS 5664 
[21] 

650 10 3 bar Argon gas 
at 20 ◦C/min  

Fig. 1. Drawing of the tensile specimen based on ASTM E8 [32] standard (all dimensions are in mm).  
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Fig. 2. IPF maps and BSE micrographs of LP-DED Alloy 718 in various stages of HT: (a)–(b) NHT, (c)–(d) SR, (e)–(f) SR + HOM, (g)–(h) SR + HOM + SA, and (i)–(j) 
SR + HOM + SA + AGE. 
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texture was not significantly affected (as shown in Fig. 2(c)). Following 
HOM significant grain growth occurred, and excessively large grains 
(diameter >500 μm) and annealing twins dominated the microstructure 
(see Fig. 2(e)). Although grain growth continued during SA at 1065 ◦C 
for 1 h (see Fig. 2(g)), it was not as significant compared to the growth 
during the HOM step, which had a longer isothermal holding time (3.5 
h) at a relatively high temperature (1162 ◦C). These observations were 
echoed by the work of Qi et al. and Mostafa et al. [38,39]. In compari-
son, the largest grains in the L-PBF counterpart in the same HT condition 
were well below 100 μm [40]. Furthermore, following HOM and SA 
steps, the microstructures appeared to have lost their strictly <001>
texture as grains with more random orientations nucleated and grew. 
After the AGE step, the γ′′ phase was formed [41], which will be shown 
and discussed in Section 4.1. 

BSE micrographs (see Fig. 2(b)) showed that the NHT microstructure 
of LP-DED Alloy 718 was dendritic and had precipitates of irregular 
shapes in the inter-dendritic regions. Following SR at 1065 ◦C, the 
dendritic microstructure partially broke down. This implied that the 
temperature and/or relatively short duration (~1.5 h) of SR was not 
sufficient to completely dissolve microscale elemental segregation and 
the partially stabilized dislocation cells [17,38]. Following HOM at a 
significantly higher temperature of 1162 ◦C, the dendritic structure was 

completely removed (see Fig. 2(f)). This can be attributed to the rela-
tively high temperature of HOM and prolonged soaking duration 
compared to SR, which lead to a better homogenization effect. 

The inter-dendritic regions in the NHT condition, as indicated by EDS 
(see Fig. 3) were rich in Nb, Ti, and Mo, while depleted in Fe and Cr. 
Although C was also seen to slightly concentrate, the C-rich regions did 
not collocate with the Nb-, Ti-, and Mo- rich ones. This Nb- and Ti-rich 
phase could thus be Laves phase, consistent with the available reports in 
the literature [15,37,42–46]. Laves is a brittle and hard phase and is 
generally considered harmful for mechanical properties [50,51]. Such 
microstructure in NHT specimens could be ascribed to high solidifica-
tion rates of AM processes [25,47,48]. Several studies have demon-
strated that Laves phase tends to dissolve above 1060 ◦C, which is the 
range of the SR stage of this study [31,49]. As expected, Laves phase 
diminished post-SR and the segregation pattern is replaced by several 
bright particles in the intergranular and transgranular locations as 
indicated by arrows in Fig. 2(d), (f), (h) & (j). In addition, HOM and SA 
stages appeared to have grown the carbides slightly. 

Elemental maps of these carbide particles (see Fig. 4) obtained from 
the fully HT condition revealed the concentration of Nb, Mo, Ti, and C, 
which suggested that they could be carbides of type MC, M6C, or M23C6 
[46], all of which are FCC compounds. EBSD scans recognized these 

Fig. 3. Results from EDS, including (a) X-ray spectrum, and (b) elemental maps, performed on an NHT LP-DED Alloy 718 sample showing enriched/depleted el-
ements existing in inter-dendritic regions. 
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carbides as an FCC phase (see discussion in Section 4.2). Line profiles 
revealed the count of C element to be significantly lower than the 
metallic elements, which further confirmed the identity of these car-
bides to be either M6C or M23C6 [25–28]. Note that M6C are Mo-rich 
carbides and typically form at intermediate temperatures (e.g., 
1038 ◦C), while M23C6 are Cr-rich carbides and precipitate at low tem-
peratures (i.e., 790-816 ◦C) [46], which suggested that these carbides 
could be M6C. 

3.2. Tensile properties 

Representative true stress – true strain curves for each test temper-
ature is shown in Fig. 5(a). The stress response was observed to be 
highest at − 195 ◦C, followed by a gradual decrease with an increase in 
test temperature between 25 and 650 ◦C. At 870 and 980 ◦C, the stress 
response dropped drastically which hints at a change in deformation 
mechanism. Furthermore, uniaxial tensile properties of the LP-DED 
Alloy 718; i.e., YS, UTS, and elongation to failure (EL) examined in 
this study at different temperatures are presented in Fig. 5(b). As shown, 
the mechanical properties of the LP-DED alloy were relatively stable 

Fig. 4. Results from EDS, including (a) X-ray spectrum, (b) BSE image of the bright particle along with the line profile (c) elemental maps, and (d) line profiles, 
performed near the bright particles of the fully HT LP-DED Alloy 718 sample. 
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between room temperature and 650 ◦C, exhibiting only a slight reduc-
tion of strengths (~20% reduction in YS, and UTS) and almost no change 
in ductility with increasing temperature. Interestingly, at − 195 ◦C the 
alloy had similar ductility and much higher strength as compared to the 
room temperature properties. At temperatures above 650 ◦C, an abrupt 
change in tensile response; i.e., a significant reduction in strength and 
increase in ductility, occurred which is consistent with the reported data 
for the wrought counterpart in the literature (see Fig. 6). 

In concomitant with the sudden drop in the tensile strength at tem-
peratures above 650 ◦C, the post-yield behavior transitioned from strain 
hardening to strain softening. This is further shown in Fig. 5(c) where 
the average strain hardening exponent (n) turned negative above 
650 ◦C. The exponents were obtained by fitting the post-yield portions of 
the true stress-true strain curves (up to a strain of ~0.015 mm/mm) with 
a power law; i.e., σtrue = K (εp

n), where K is the strength coefficient, εp is 
the true plastic strain, and σtrue is the true stress [52]. The strength co-
efficient data is also reported in Fig. 5(c). The strength coefficient versus 
test temperature followed a similar trend as yield strength; rapid 
changes between − 195 and 25 ◦C, as well as above 650 ◦C. The error 
bars in Fig. 5(b) and (c) are the standard deviation among 6 data points 
collected for each test temperature. Except at 980 ◦C, the error bars at 
most of the temperatures were not visible in the figures because of low 
scatter in the data obtained from repeated tests. 

As a benchmark, the tensile properties of the LP-DED Alloy 718 

obtained from this study are compared with those of its counterparts 
reported in the literature [13,15,24] and presented in Fig. 6. As shown, 
the overall negative correlation of strength and test temperature 
observed in this study was similar to that seen for other manufacturing 
processes; i.e., E-PBF (reported by Sun et al. [13]), L-PBF (reported by 
Trosch et al. [15]), cast (reported by Trosch et al. [15]), and wrought 
(reported by Ono et al. [24], Trosch et al. [15], and Haynes International 
[2]). At the cryogenic temperature of − 195 ◦C, the tensile strength of the 
LP-DED Alloy 718 (this study) was similar to wrought [24] as shown in 
Fig. 6(a) and (b). 

At test temperatures of 25, 200, and 425 ◦C, the strength obtained in 
this study under the LP-DED condition was slightly lower than the ones 
reported for wrought and L-PBF conditions. Moreover, EL measured in 
this work for LP-DED Alloy 718 was slightly higher compared to the ones 
for L-PBF and wrought counterparts reported by Trosch et al. [15] (see 
Fig. 6(c)). This could be attributed to the relatively large population of 
needle-shaped δ precipitates in the L-PBF and wrought specimens re-
ported by Trosch et al. [15]. The closely spaced δ phase particles are 
known to provide abundant sites for void nucleation under quasi-static 
tensile loading and result in reduced EL. In contrast, the volumetric 
density of carbide particles observed in this work was significantly lower 
than that of δ precipitates reported by Trosch et al. [15], which led to 
higher EL seen in this study. 

Fig. 5. Tensile properties of LP-DED Alloy 718 in fully HT condition at different 
test temperatures of − 195, 25, 200, 425, 650, 870, and 980 ◦C: (a) true stress – 
true strain curves (one curve from each test temperature is shown), (b) average 
UTS, YS, and EL, and (c) average of n and K. Standard deviation at each test 
temperature is also shown in (b) and (c). 

Fig. 6. Tensile properties of LP-DED Alloy 718 at different test temperatures 
obtained in this study compared to the data reported in the literature: (a) YS, 
(b) UTS, and (c) EL. Literature data include those of the wrought [2,15,24], 
L-PBF [15], E-PBF [13], and cast [15] counterparts. 
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3.3. Deformed microstructure 

The IPF along with the kernel average misorientation (KAM) maps 
for all the specimens fractured at different temperatures obtained from 

the longitudinal cross section (i.e., the plane parallel to the build di-
rection) close to fracture surface are presented in Fig. 7. The KAM maps 
estimate the local misorientation within grains, lattice distortion, as well 
as plastic strains which are indicators of geometry necessary dislocation 

Fig. 7. IPF and KAM maps of the HT LP-DED Alloy 718 examined on the longitudinal cross sections of specimens fractured at: (a)–(b) − 195 ◦C, (c)–(d) 25 ◦C, (e)–(f) 
650 ◦C, (g)–(h) 870 ◦C, and (i)–(j) 980 ◦C. 

N. Ahmad et al.                                                                                                                                                                                                                                 



Materials Science & Engineering A 849 (2022) 143528

9

density and twinning activities [44]. A kernel size of 3 by 3 steps with a 
step size of ~500 nm was used for KAM analysis. Moreover, the color 
scale of KAM maps was set from 0 to 5◦, and the misorientation angles 
due to GBs were excluded. From Fig. 7, the local misorientations 
appeared more severe between test temperatures of − 195 and 650 ◦C 
than at 870 and 980 ◦C, indicating a higher amount of transgranular 
plastic deformation. 

The reduced misorientations at 870 and 980 ◦C (Fig. 7(h) & (j)) were 
likely due to significant dynamic recrystallization (DRX). Other high 
temperature recovery processes such as dynamic recovery (i.e., via the 
annihilation of dislocations, cross-slip, and dislocation climb) are not as 
active because Alloy 718 has low stacking fault energy, and thus, DRX 
typically prevails in this temperature range [53]. This phenomenon 
tends to occur first at GBs. Early plastic deformation due to elastic 
mismatch between two grains can happen at GBs which then causes 
faster dislocation density rise which facilitates the nucleation of new 
grains [53,54]. The onset temperature of DRX observed in this study 
could be at 870 ◦C (~0.65 of melting temperature), which was consis-
tent with the reported temperature of 850 ◦C for Alloy 718 [55]. The 
flow stress oscillations, observed for 870 and 980 ◦C (see Fig. 5(a)), 
could also be the result of the observed DRX. The undeformed micro-
structure contained GB carbides which were effective resistors of GB 
sliding. However, the recrystallized small grains at the prior GB regions 
were more likely to slide and accommodate plasticity and suppress the 
dislocation/twinning activity in the grain interior. 

The size of DRX grains appeared to be strongly dependent on 
deformation temperature; the average DRX grain size grew with the 
increase in the test temperature, ~0.5 μm and ~14 μm at 870 ◦C and 
980 ◦C, respectively. Moreover, the fraction of DRX grains also increased 
with the increase in deformation temperature, reaching DRX fraction 
from <1% at 870 ◦C to over 85% at 980 ◦C. This was attributed mainly to 
the enhanced diffusion rates leading to an increased growth activity of 
DRX grains [53]. The substantially grown DRX grains under 980 ◦C led 
to essentially zero misorientation field as shown in Fig. 7(j). 

4. Discussions 

4.1. Effect of test temperature on yield strength 

The trend of decreasing YS of Alloy 718 with respect to temperature, 
shown in Fig. 6, is well documented in the literature (wrought [2,15,24], 
L- PBF [15], E-PBF [13], and cast [15] forms). The slightly lower 
strength reported from the present study compared to the literature 
could be due to the significantly coarser microstructure produced by the 
LP-DED process. As shown in Fig. 5(b), rapid change in the strength 
occurred at two temperature ranges; i.e., from − 195 to 25 ◦C and from 
650 to 980 ◦C. A similar “knee” in the strength – temperature relation at 
650 ◦C was observed for wrought Alloy 718 [2], which was attributed to 
the coarsening of γ′′ precipitates. However, such coarsening was typi-
cally reported after an isothermal holding time of at least 16 h [46,56] – 
the cause of the significant reduction in strength above 650 ◦C (such as 
at 870 ◦C) after a holding time of only 30 min needs further explanation. 
In addition, although already reported for the wrought Alloy 718 [24], 
the authors were not able to find an explanation in the literature for the 
alloy’s significantly higher strength at the cryogenic temperature than 
other test temperatures. 

In order to provide an understanding in this regard, thin lamellae 
were FIB milled and lifted out from the fractured tensile specimens near 
the fracture surfaces (~200 μm) and examined under the STEM mode in 
the SEM (see Fig. 8 for the bright field images). At − 195 ◦C, Fig. 8(a) and 
(b) respectively reveal stripe patterns (the direction is indicated by the 
dashed line) and relatively small, tortuous γ′′ precipitates in the 
deformed microstructure. The stripes appeared to be nanoscale defor-
mation twins whose thickness was only a few nm with faint boundaries 
as they were not being viewed edge-on. Deformation twinning is 
favorable under cryogenic conditions since, unlike dislocation gliding 

which requires the thermal nucleation/propagation of kinks and be-
comes difficult at lower temperatures, it is a displacive process that is 
relatively insensitive to temperature. This speculation is consistent with 
the tortuous morphology of the precipitates as they may have been 
sheared by the twins. 

Although deformation twinning was also observed at room temper-
ature, the twin density was much lower, and the twins were much 
thicker (up to 100 nm thick), as shown in Fig. 8(c) and (d). The pre-
cipitates outside of twins were in the well-known lens shape with little to 
no distortion, indicating little particle shearing by dislocations, which 
corroborates the argument made in the previous paragraph regarding 
precipitates being sheared by twins instead of dislocations. The high 
density of nanoscale twins formed during the cryogenic deformation 
process provided an additional barrier to the gliding of dislocations and 
could have contributed to the added strength compared to the room 
temperature and above. The contrast in the density of deformation twins 
was also reflected in the change in the intragranular misorientations, as 
shown in KAM (see Fig. 7(b) & (d)). 

The test temperature up to 650 ◦C did not alter the morphology or 
size of the γ′′ precipitates (compare Fig. 8(d) and (f)) which explains the 
somewhat plateau in strength observed between room temperature and 
650 ◦C (see Fig. 5(b)). The very gradual decline of strength could 
partially be ascribed to the increasing mobility of dislocations with the 
increasing temperature. The easier dislocation glide made deformation 
twinning less favorable. Indeed, although deformation twinning was still 
present at 650 ◦C (Fig. 8(e)), it was much less prevalent compared to the 
specimen tested at the room temperature (Fig. 8(c)). The reduced den-
sity of deformation twins was likely another cause of the slight reduction 
in YS in this temperature range. 

The pre-test holding at the higher temperature of 870 ◦C for 30 min 
had significantly coarsened the γ′′ precipitates (diameter ~100 nm) and 
reduced their number density. These larger particles were much farther 
apart and thus expected to be incoherent with the γ matrix which was 
likely the primary reason for the pronounced reduction in strength at 
this temperature. In addition, although the deformation twins were 
absent in the STEM images of 870 ◦C specimen (Fig. 8(g)), they were 
apparently visible from the IPF maps taken on the longitudinal cross 
sections (see further discussion in Section 4.2). The deformation twins 
not being captured in the STEM images was likely due to the small 
window of observations (only a few μm). The coarsening of precipitates 
is expected to be much more severe under the higher temperature of 
980 ◦C which lowered the strength even further. 

4.2. Effect of test temperature on fracture mechanism and ductility 

The EL of the alloy was not significantly affected by temperature 
until 650 ◦C, above which a noticeable increase occurred. The relatively 
stable EL in these temperatures indicated the same mechanism gov-
erning the fracture. Indeed, as shown in Fig. 9(c), (f) & (i), fracture 
surfaces for tests at/below 650 ◦C featured fine dimples of sub-micron 
size (~2 μm), suggesting a relatively ductile behaving fracture gov-
erned by the nucleation, growth, and coalescence of voids. Furthermore, 
angled views (see Fig. 9(a), (d) & (g)) for test temperatures below and 
equal to 650 ◦C revealed similar fracture morphology. In addition, 
fracture surfaces exhibited well-defined central regions surrounded by 
the shear lips, making an angle of 45◦ to the plane of fracture. 

The vast majority of dimples observed at temperatures below 650 ◦C 
had fractured particles visible. These particles were characterized using 
EDS and results showed that most dimples contained several particles 
rich in Nb, Mo, Ti, and C (see the elemental maps in Fig. 10) – similar 
chemistry to that of the fine metal carbides dispersed throughout the 
grain interior (see Fig. 4). This suggested that the fracture mechanisms 
observed for test temperatures at/below 650 ◦C were due to the nucle-
ation of voids that formed on the carbide/matrix interface debonding or 
fracture of carbides. During the onset of plastic deformation, carbides 
present in the γ-matrix obstruct the motion of dislocations. The pile-up 
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of these dislocations causes stress concentration around carbides. Once 
this stress reaches the bonding strength of carbide and γ-matrix, voids 
can form. BSE micrographs taken on the longitudinal cross sections of 
the fractured specimens showed vast majority of microscopic voids were 
nucleating from the metal carbides (see Fig. 11). Even the voids that did 
not appear pairing with carbides were still likely nucleated from them, 
as the plane of the cross section did not necessarily go through both a 
void and a carbide simultaneously. The proximity of microvoids facili-
tated the coalescence of microcracks that led to the fracture of the 
specimens. 

At the higher test temperature of 870 ◦C, the noticeable increase in 

EL indicated the onset of a new fracture mechanism. As shown in Fig. 9 
(j)–(l), regions with well-defined fine dimples subsided in the fracture 
surfaces of 870 ◦C and were replaced by regions that show evidence of 
grain boundary cleavage. To understand the deformation behavior, 
EBSD analysis was performed on the longitudinal cross section and the 
results are presented in Fig. 12(a)-(d). It appears at 870 ◦C that DRX 
grains at the prior boundaries of the fully HT grains were nucleated, as 
seen in Fig. 12(b). Several deformation “bands”, with a thickness of a 
few hundred nanometers, were also formed, as noticeable in Fig. 12(c). 
Fig. 12(d) shows the profile of misorientation angles across one of such 
bands, revealing 60◦ angles at the boundaries, confirming that these 

Fig. 8. Bright field STEM images revealing the details of γ′′ precipitates and deformation twins in specimens tested at different temperatures: (a)–(b) − 195 ◦C, (c)–(d) 
25 ◦C, (e)–(f) 650 ◦C, and (g)–(h) 870 ◦C. Dashed white line in (a) indicates direction of deformation twins. 
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Fig. 9. Tensile fracture surfaces of LP-DED Alloy 718 specimens tested at different temperatures: (a)–(c) − 195 ◦C, (d)–(f) 25 ◦C, (g)–(i) 650 ◦C, (j)–(l) 870 ◦C, and 
(m)–(o) 980 ◦C. 
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bands were indeed deformation twins. Small FCC particles, which were 
in fact carbide particles as confirmed by the EDS analysis mentioned 
earlier, were also detected in the EBSD image of the specimen tested at 
870 ◦C (see Fig. 12(c)). DRX grains were susceptible to GB sliding, which 
coexisted with dislocation gliding and twinning as the plastic deforma-
tion mechanisms at 870 ◦C. In fact, the GB sliding was expected to be 

responsible for the improved ductility and the reduced strength at this 
temperature. In addition, the GB sliding replaced carbide fracturing/ 
debonding and became the governing mechanism for nucleation of 
tensile cracks (see Fig. 12(a)–(c)). 

At 980 ◦C, the fracture surfaces were completely conical, with the tip 
of the cones decorated with large voids, suggesting profuse ductility (see 

Fig. 10. EDS analysis of the tensile fracture surface of LP-DED Alloy 718 specimen tested at 200 ◦C, showing the carbides within the fine dimples.  

Fig. 11. BSE images of fractured specimens examined from the longitudinal plane at different test temperatures: (a)–(b) − 195 ◦C, (c)–(d) 25 ◦C, and (e)–(f) 650 ◦C. 
Red arrows indicate carbides. (For interpretation of the references to color in this figure legend, the reader is referred to the Web version of this article.) 
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Fig. 9(m)–(o)). Furthermore, the DRX is much more proliferate with the 
recrystallized and grown grains (~14 μm in diameter) occupying a 
significant volume fraction of the material (see Figs. 12(e) and Figure 7 
(i)). In fact, the fraction of DRX grains at 980 ◦C was 85% (Fig. 7(i)) 
compared to <1% at 870 ◦C (Fig. 7(g)). Accordingly, GB sliding became 
the dominating deformation mechanism at this temperature, as indi-
cated by the very low intragranular misorientations in KAM map on the 
longitudinal cross section of a specimen tested at this temperature (see 
Fig. 7(j)). The GB sliding at 980 ◦C, facilitated by the high fraction of 
small DRX grains, significantly increased the EL, resulting in the 
completely conical fracture surfaces of these specimens (see Fig. 9(m)– 
(o)). 

5. Conclusions 

This article reported the tensile properties and analyzed the tensile 
deformation mechanisms of the fully HT (AMS 5664), LP-DED Alloy 718 
over a wide temperature range, i.e., from cryogenic (− 195 ◦C) to 
elevated (980 ◦C) temperatures. The general temperature dependence 
mechanical behavior of the alloy was compared to the counterparts 
manufactured through other manufacturing routes, including wrought, 
cast, E-PBF, and L-PBF. Although the study was performed on the alloy 
deposited using LP-DED, the knowledge learned is nevertheless expected 
to be valid for Alloy 718 in general. The following conclusions were 
made based on the experimental observations: 

Fig. 12. IPF map taken near a crack on the longitudinal cross section of tensile specimens tested at: (a)–(c) 870 ◦C and (e)–(g) 980 ◦C. The misorientation angle 
profile between points a and a′ in (c) is plotted in (d). 
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1) Overall, the mechanical properties of LP-DED Alloy 718 were similar 
with its counterparts in wrought and L-PBF forms.  

2) Deformation twinning served an important role in the deformation of 
Alloy 718 at cryogenic temperatures and contributed to its excep-
tionally high strength in this condition.  

3) The influence of deformation twinning was attenuated with the 
increasing temperature (up to 650 ◦C), where dislocation gliding 
accounted for major portions of plastic deformation.  

4) At test temperatures of 870 and 980 ◦C, dynamic recrystallization 
and the associated grain boundary sliding became more influential.  

5) The fracture mechanism of LP-DED Alloy 718 at and below 650 ◦C 
was consistently governed by the fracture and debonding of intra-
granular metal carbides, while at higher temperatures sliding be-
tween the dynamically recrystallized grains dominated the quasi- 
static tensile fracture. 
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